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Dissolution process of surface oxide film during 
diffusion bonding of metals 
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Two models of the dissolution process of surface oxide film in metals (copper and titanium) 
are described in order to estimate the dissolution time ts required for the oxide film to dissolve 
in the metals completely. One is based on impurity diffusion (model 1). The other is given by 
reaction diffusion (model 2). Model 1 was applied to estimate ts in copper and s-titanium but 
model 2 for ts of j3-titanium because of the formation of 0~-phase. In these models, the 
dissolution process is assumed to be controlled by the oxygen diffusion in metals. Bonding 
tests were performed in order to verify the calculated results. The experimental results suggest 
that model 1 is valid in Cu-Cu bonding. Also, as for 13-titanium, no retardation of the bonding 
process was observed. This was in agreement with model 2. However, for 0~-titanium below 
1000 K, the retardation time was much longer than the dissolution time calculated by model 1, 
i.e. the retardation below 1000 K cannot be dictated by the diffusion-controlled process. A 
new model is therefore proposed. The dissociation rate of the oxide film is taken into account 
in the new model. This new model can explain the retardation of the bonding process. 

1. I n t r o d u c t i o n  
Theoretical analyses of diffusion bonding of metals 
[1, 2] and metal powder sintering [3] have been 
largely based on models assuming ideal clean surfaces, 
that is, surface contamination (mainly surface oxide 
film) has usually been neglected. However, it has been 
widely accepted that the surface oxide film has a large 
influence on diffusion bonding [4-7] and sintering 
[8-10]. The influence depends on the behaviour of the 
oxide film during bonding [11, 12] which can be indi- 
cated by thermodynamic and kinetic considerations. If 
process conditions can be selected so that the oxide 
film is made thermodynamically unstable, diffusion 
bonding progresses under no influence of the surface 
oxide film. In contrast, for the diffusion bonding of 
metals with high oxide stability and low oxygen solu- 
bility such as aluminium, the bonding process is quite 
different to that of the idealized models [10, 13], be- 
cause the oxide film remains stable on the bond- 
interface during bonding [12]. We then see that the 
joint exhibits a brittle fractured surface without dim- 
ples [8, 10] and the joints are often rather poor [4, 5]. 

On the other hand, in the diffusion bonding of 
metals with high oxygen solubility such as titanium, 
we can get the oxide layer gradually dissolving as 
oxygen in the metal, even if the oxide is stable by itself 
with respect to dissociation or reduction [9, 14]. We 
then observe the retardation of bulk-bulk bonding 
owing to the oxide layer, i.e. the bonding process is 
preceded by an incubation period dictated by the 
kinetics of dissolution of the oxygen. The actual diffu- 
sion bonding of many metals (iron, nickel, copper, etc.) 
and alloys (e.g. stainless steels) involves the dissolution 
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of the oxide film into parent metal to obtain good 
joints [4, 11]. The dissolution process of the oxide film 
is, therefore, important to achieve high reliability of 
the diffusion-bonded joints. 

The dissolution of the oxide layer involves two steps 
at least, that is, the first step is the dissociation of the 
oxide (MO --. M + O, where MO is the oxide of the 
metal M). This reaction can easily occur if the oxide is 
less stable as a phase than a solid solution of oxygen in 
metal. The second step is oxygen diffusion to the bulk. 

If the dissolution process of the oxide film is con- 
trolled by oxygen diffusion, we can estimate the dis- 
solution time taken for the oxide film to dissolve 
completely. However, we have only one theoretical 
analysis concerning the estimation of the dissolution 
time during diffusion bonding. This analysis was given 
by Munir [6, 13]. He indicated the critical thickness of 
the oxide films which can dissolve as oxygen in metals. 
Munir's analysis was essentially based on the premise 
of a diffusion-controlled dissolution process and the 
diffusing oxygen was treated as an impurity of the 
metal (it is sufficient to consider only the concen- 
tration gradient of the oxygen itself in the diffusion 
process [15]). 

However, Munir has not experimentally verified his 
theoretical analysis. We need to confirm it because a 
dissolution process controlled by oxygen diffusion is 
not always satisfied. If the dissociation step of the 
oxide film does not easily occur, we need to modify the 
model by coupling the dissociation and diffusion 
(series operation model). 

Moreover, in metals such as 13-titanium, we know 
that m-phase formation occurs during diffusion, as 
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indicated by the equilibrium diagram of the Ti-O 
system. Thus, we need to take account of reaction 
diffusion [16, 17]. 

In the present paper, we first describe two different 
models to predict the dissolution time for any particu- 
lar thickness of oxide film. One is similar to Munir's 
model (model 1). The other is based on the theory of 
reaction diffusion (model 2). We verify these two 
models experimentally. We examine the behaviour of 
the oxide film (the change in morphology ) during 
bonding for the purpose of understanding the actual 
dissolution process. In discussion, we will propose 
another model (the series operation model) on the 
basis of the experimental results for s-titanium. 
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Figure 1 Schematic illustration of model 1: (a) initial condition 
(t =0),  (b) during the dissolution of oxide film (0 < t < t~), (c) when 
the oxide film disappears (t =ts). 

2. Models  
The dissolution process of the oxide film consists of 
two different steps represented by 

MxO r ~ xM + yO* (1) 

at the interface between the oxide film and the metal, 
and 

O* ~ Osoi (2) 

where MxOy is the oxide. M the metal, x and y the 
numbers to express the ratio of M and O in the oxide, 
O* the oxygen atom at the interface, and O~o~ the 
dissolved oxygen as a solute in the metal M. Equa- 
tion 1 is the dissociation process of the oxide film and 
Equation 2 the dissolution process of O*. The second 
step is essentially controlled by the diffusion of O~o~ 
from the original interface into the underlying metal 
because O* must be activated. These processes occur 
in series. Thus, the slower process becomes the rate- 
determining step [18]. 

At first, we assume an oxygen-diffusion-controlled 
dissolution process. 

2.1. M o d e l  1 
Fig. 1 schematically illustrates model 1 which is based 
on impurity diffusion. The origin of the axis x is 
always taken at the interface between the oxide film 
and the metal. Cox is the oxygen content in the oxide 
film. C~ the oxygen solubility of the metal, Co the 
initial oxygen content of the bulk, and 6o~ the initial 
thickness of the oxide film. It is assumed that the oxide 
film does not escape to the outside by vapourization 
(sublimation), i.e. the destruction of the oxide film is 
performed only by assimilation into the metal. 

The initial and boundary conditions are indicated 
in Fig. 1, i.e. at time t = 0 the concentration of oxygen 
C = Co at x > 0 and C = C~ at x = 0, and also when 
t > 0 ,  C = C ~ a t x = 0 a n d  C = C  O a t x = o e .  From 
Fick's law [19] we obtain the solution represented by 

C(x,t) = ( C s -  Co) 1 -  erf 2(D~)~/2 (3) 

where D is the diffusion coefficient of the oxygen in 
metal, eft(z) the error function, and C(x, t) is the 
molar concentration (molarity) of the oxygen. D is 
expressed by Doexp( -  Q/RT) where D O is the fre- 
quency factor, Q the activation energy, R the gas 
constant and T the absolute temperature. The 
molarity C is equal to (Cw/lOO)(p/Mo) where C w is 
the weight percentile concentration of oxygen, P the 
density of the material and Mo the atomic weight of 
oxygen. Assume that both D and P are constant 
against the concentration*. The atom flux is expressed 
by 

J(x,t)  = (C, - Co) t~ t  ) e x p t -  / (4) 

After integration of J(0, t) with respect to t we obtain 
for the total quantity of diffusing oxygen having cros- 
sed unit area of the interface 

Mt = 2 ( C s -  Co) (5) 

where ts the time required for the oxide film to dissolve 
in metal completely. The molar quantity of oxygen 
within the oxide film (per unit area) is expressed by 

PoxSox m = - - y  (6) 
Mox 

where Pox is the density of the oxide film, Mox the 
molar weight of the oxide and y the number in the 
chemical formula MxOr*. 

From M t = m, we can obtain the dissolution time 
by model 1 expressed by 

t~ = B 2( Co (7) 

2.2. M o d e l  2 
Fig. 2 schematically illustrates reaction diffusion 
between the oxide film and the 13-phase, where the 
a-phase is newly formed. 

The rate equations for reaction diffusion in the 
binary system have been given elsewhere [16, 17, 

* For a metal with low oxygen solubility such as copper, we can regard D and p as constant  against the concentration. For titanium, they may 
be variable with the concentration because t i tanium has a high oxygen solubility. However, in the present study we assume that D and p are 
constant  for titanium. 

We regarded copper and t i tanium oxide films as CuO and TiO, respectively, i.e. y = 1. For Cu20 ,  8ox is 1.915 times as large as that of CuO for 
the same molar amount  of oxygen. 8ox of TiO 2 is 0.725 times as large as that of TiO. 

486 



/Oxide film 

Cog 

_ /_6ox 

Co 
0 

(o) 

C 

Cox 

cafJ 

cf~a 
Co r . . . .  

~x o 
(b) 

"Qt 

c i 

qx0 : 

C~a 
Co 

0 x 
(r 

Figure 2 Schematic illustration of model 2: (a) initial condition 
(t=0), (b) formation of ~-phase by dissolution of oxide film 
(0< t< t0 ,  (c) when the oxide film disappears (t=&). 

20, 21]. According to them, the width of the ith phase 
is in proportion to the square root of time, i.e. 

A X  t = ki t l /2  (8) 

where kt is constant for layer growth of the ith phase. 
Here, we can assume that the concentration gradient 
in each phase is always constant, because Ax~ is small 
enough. We then obtain the equation 

16Di(Ci, i - i  -- Ci, i+l) = k~ ~ ~uk j  (9) 
j = l  

where Di is the interdiffusion coefficient at the ith 
phase (exactly speaking, the interdiffusion coefficient 
at C = (~* as indicated in Fig. 3a), (~ is the normalized 
concentration defined as ( C - Co)/( Co~ - Co), Cu the 
normalized concentration of the ith phase adjacent to 
the j th  phase (see Fig. 3a) and n the total number of 
phases; ~u is given by 

(~ij = 2(Ci,  i -1  At" Ci,/+1) 

x(2 - 4 . j - 1  - 4,~+1) (10) 

for 1 <<,j<i, 

(~ij ~-" 

for i = j, and 

O~ij 

5Ci, i+ 1 --}- 3Ci, i_ 1 

- 2 ( ( ~ i , i _  1 + Ci, /+1) 2 (11) 

2(2 - C i ,  i _  1 - Ci, i+1)  

x(G,./-1 + G,J+I) (12) 

f o r i < j < ~ n .  
In the system of TiO-~-Ti, the phase of s-titanium 

just grows (see Fig. 4b). We need to consider the case 
of n = 3 which is shown in Fig. 3b. If the initial width 
of the oxide is large enough, Equation 9 is always 
valid. However, the oxide film is usually thin. We must 
assume that the oxygen content in the oxide film 
is always constant, that is Cox = C o l  = C 1 2  = 1, or 
k I --- 0 (D 1 << D z and Dt << D 3 in Fig. 3b). This means 
that the diffusion layer within the oxide film does not 
appear (Ax 1 = 0). Namely, it follows that the thick- 
ness of the oxide film monotonously decreases with 
time. 

For n = 3, Equation 9 is therefore rewritten as 

16D1(C10 - -  C 1 2  ) = k l (~ l tk  1 + ~12k2 

q"- ~13k3) = 0 

16D2(1~21 - (~23) = k2(%2k2  + (~23k3) 

and 

(13) 

(14) 

16D3(C32 - C34) --- k3(~32k2 q- ~33k3) (15) 

We then obtain the equation 

Ok~  d- (A~23(~32 _ 2A(x22~33 _ B~23)k  2 2  2 

+ A2%3 = 0 (16) 

where | = ~33ct22 -~22~2a%2,  A = 16D2(C21 
- C23) and B = 16D3(C32 -- C34). 

We can obtain k 2 as the solution of Equation 16 
because we know the values of C21, C23 and C32 from 
the equilibrium diagram. We also obtain k 3 by substi- 
tuting the value of k 2 into Equation 15. 

The molar quantity of oxygen within the s-phase of 
Fig. 3b is given by 

W~ = �89 + C2t)k2 t l /2s  (17) 

and that of the [3-phase is 

m ~  = �89  (18) 

wheref~ is the correction factor to put the normalized 
concentration into the actual content, i.e. s = Cox 
- C o. The molar quantity m of oxygen within the 
initial oxide film (per unit area) is given by 
Equation 6*. When the oxide film disappears (t = ts), 
m = W~ + W#. The dissolution time for model 2 is 
therefore expressed by (m; 

t~ = (19) 
0)a + a)~ 

co~ = (L/Z)( (2a  + C2t)k2 and co~ = (L/Z) where 
C32k3. 

The time t~ required for the s-phase to vanish is 
given by model l (Equation 7), because oxygen dis- 
solution in the p-phase is controlled by diffusion with- 
in the [3-phase. Therefore 

t6 = D3 \ 2 C # a /  (20) 

where C6~ is the oxygen content of the p-phase adja- 
cent to the s-phase as shown in Fig. 2. 

C~0, C~6 and Ct3~ in Fig. 2 were determined from the 
phase diagrams in Fig. 4, but Cox was given .by the 
stoichiometry. At that stage we obtained the molarity 
C as Cwgm/[Mo( lO0 - Cw)], where Cw is the weight 
percentile concentration, 9m the density of pure metal 
and Mo the atomic weight of oxygen. In converting the 
weight percentile to the molar concentration, we 
should take ( 1 0 0 -  Cw) in place of 100 because the 
solubility limit of oxygen for titanium is much greater 
than that of copper. Also, we take Co = 0 tool m-3 for 
titanium. We ignored the 8-phase in Fig. 4b because it 
had no solubility for oxygen. 

*Although titanium oxide has a solubility for oxygen, we assumed that Pox is constant, regarding it as the stoichiometric compound (TiO). 
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Figure 3 Concentrat ion-dis tance curve in reaction diffusion: (a) formation of multiphase by mutual  diffusion in binary system; (b) the case of 
n = 3, assuming that a diffused layer is not  formed in the oxide film. 

In Fig. 4, the solubility limit C s of Cu was taken 
from published work [22, 23], as was the diagram of 
the Ti -O system [24]. The material constants used in 
the present study are listed in Table I [25-30]. 

Model 1 is applied to copper with a CuO film and ~- 
titanium with a TiO film. On the other hand, model 2 
is used in calculating ts for [3-titanium. 

3. Ca lcu la t e d  resu l t s  
Fig. 5 shows the temperature dependence of the dis- 
solution time t, for CuO surface film during copper-  
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copper diffusion bonding. Solid curves correspond to 
the case of Co = 0 wt % and dotted curves are for 
Co = 1.0x 10 -3 w t %  (=10.0p.p .m.) .  

As shown in Fig. 4a, the solubility limit of copper 
for oxygen is relatively small. Also, industrially pure 
copper usually contains a little oxygen as a solute 
atom, even if it is called oxygen-free copper. Thus, the 
influence of the initial oxygen content C o on the dis- 
solution time is of great importance. As stated later, 
we used oxygen-free copper with Co = 10 p.p.m, in the 
experiments. The dotted curves in Fig. 5 are more 
important, although the solid curves give the lower 



T A B L E  I Material constants used in calculation 

Symbol Name Material Value Reference 

Pox Density of oxide CuO 6400 kg m - 3  [25] 

C u 2 0  6040 kg m -3 [25] 
TiO 4930 kg m - 3 [26] 
TiO 2 4250 kg m - 3 [26] 

Pm Density of pure metal Cu 8930 kg m -  a [27] 
ct-Ti 4500 kg m - 3 [27] 
13-Ti 4400 kg m - 3  [27] 

D O Frequency factor for oxygen in Cu 7.595 m 2 s -  1 [28] 
diffusion in ct-Ti 0.940 m 2 s - 1 [29] 

in 13-Ti 4.5 x 10 -5 m 2 S -1 [30] 

Q Activation energy for oxygen in Cu 229 kJ m o l -  1 [28] 
diffusion in ct-Ti 287 kJ mol a [29] 

in [3-Ti 151 kJ tool -1 [30] 
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Figure 4 Phase diagrams: (a) C u - O  system. (b) T i - O  system. 

limit of t~. The dissolution time is infinite at temper- 
atures lower than T~ at which Co = C,. T~ = 765 K for 
Co = 10 p.p.m. (cf. Fig. 4a). It follows that we get no 
metallic bonds when T < T~ as long as we do nothing 
but keep the faying surfaces in soft contact with each 
other. In reality, copper-copper  bonding cannot be 
achieved without large applied stress when T < 750 K 
[4, 5, 31]. This suggests that we need to break up the 
surface oxide film to attain the bonding process below 
T~ [11, 32]. (If the surface oxide film becomes spherical 
by itself to disperse on the bond-interface, the metallic 
bond can be achieved without pressure even if the 
temperature is lower than Ts.) 

Even if we polish the specimen chemically in ad- 
vance, we have an oxide film with a thickness of a few 
nanometres on the faying surface in air [33], so we 
need to examine the calculated results for 6ox = 1 to 
10 nm in Fig. 5. In the temperature range higher than 
1100 K, the dissolution time for 6ox = 1-I0 nm is less 
than a few hundred seconds (for the specimen with 
Co ~< 10 p.p.m.). This suggests that the bonding pro- 
cess above 1100 K instantly begins to progress as far 
as a polished surface is concerned. However, the dis- 
solution time rapidly increases as the temperature 
decreases from 1 I00 K. For' example, the dissolution 
time for 6ox = 10 nm and T = 900 K becomes several 
hours. In the temperature range lower than 900 K, it is 
rather hard to complete the bonding process under a 
low pressure which cannot break up the oxide film 
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Figure5 Temperature dependence of dissolution time of copper 
oxide film on copper (results calculated by model 1): ( - - )  Co=0, 
( - - - )  Co= 1.0 x 10 -3 wt %. 

[11]. This is a reason why the temperature conditions 
for conventional copper-copper bonding are gen- 
erally in the range of 1000 to 1273 K [4, 5, 31, 34]. 

Fig. 6 shows the temperature dependence of the 
dissolution time for titanium with TiO film. Solid lines 
in the temperature range lower than 1158 K are given 
by model 1 and correspond to the dissolution of the 
oxide film in or-titanium. On the other hand, those in 
the temperature range higher than 1158 K are given 
by model 2 for 13-titanium and denoted by ct + 13, 
which means that the a-phase remains at the joint 
interface when the oxide film disappears. Dotted lines 
in Fig. 6 are obtained from Equation 20 and express 
the time taken for the oxygen to dissolve completely in 
13-titanium. We can thus know the period for the 
coexistence of et and 13 phases by the region lying 
between solid and dotted lines for the same ~o,. As can 
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rods, respectively. The diameter of the specimens was 
10 ram. The oxygen content of the copper specimens 
was 10p.p,m. The purity of the titanium was 
99.5 wt %. The laying surfaces were turned by lathe 
and polished by No. 1500 emery paper (or wet buff) 
before chemical polishing. One of a pair of specimens 
was fringed a little along the edge of the faying surface 
on the lathe. 

The chemical polishing was performed as simply as 
possible according to Petzow E36]. The polishing time 
was up to 100 s. We took care that we did not make 
the surface curved by the chemical polishing. The 
maximum surface roughness Rma x was  less than 
0.8 gm for all specimens. The specimens were finished 
so that the length was 13 ram. After the chemical 
polishing, some of the specimens were oxidized by dry 
air for 10 rain at 673 K (or 473 K) for copper and 
773 K for titanium in order to obtain a thick oxide 
film. The specimens without oxidizing treatment were 
exposed to dry air of 300 K for 1 h before the bonding 
tests. 

800 1000 1200 1400 
Temperotur% T (K) 

Figure 6 Temperature dependence of dissolution time of titanium 
oxide film on titanium (Co=0). The solid curves for T<1158 K 
were calculated by model 1 and those for T> 1158 K by model 2. 
The dotted curve for T> 1158 K denotes the time when m-phase 
disappears. 

be seen in Fig. 6, the dissolution time for 5ox ~< 10 nm 
is less than 1 s in the temperature range higher than 
1000 K. This suggests that retardation of the bonding 
process is hardly observed in this temperature region 
[9]. In the [3-phase region (T  > 1158 K) we scarcely 
observe an incubation period due to the oxide film. 
However, in the a-phase region the dissolution time 
rapidly increases with decreasing temperature. When 
T < 850 K, t~ for 5ox > 10 nm is greater than 100 s. It 
is suggested that the oxide film has an influence on the 
commencement of the bonding process in the lower 
temperature region of the a-phase. 

Several reports I-4, 35] have indicated that it is 
rather difficult to achieve s-titanium bonding in the 
temperature range of T < 950 K. We can understand 
it if the specimens have a thick oxide film such as 
~ox > 100 nm, but we know that the faying surface in 
diffusion bonding usually has only a thin oxide film. 
From Fig. 6, we find that it does not take a long time 
for a thin oxide film (5ox < 10 nm) to dissolve com- 
pletely (10 min is enough, even when the temperature 
is 800 K). The reports [4, 35] contradicts the results of 
Fig. 6 in the temperature range lower than 950 K. We 
need, therefore, to investigate the retardation of the 
bonding process in this temperature region. 

4. Experimental procedure 
4.1.  S p e c i m e n s  
Copper and titanium specimens were prepared from 
oxygen-free copper and industrially pure titanium 
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4.2. Oxide films 
The thickness of the surface oxide film was estimated 
by two methods. One was surface analysis by IMA 
and Auger electron spectroscopy (AES) [33]. The 
other was measurement of the change in weight with 
oxidation and was applied to the thick oxide film, 
because it was difficult to estimate the thickness of the 
thick oxide film of copper by IMA and AES. Foil 
which was polished under the same conditions was 
used for the latter method. The thickness of the poli- 
shed foil was about 0.1 ram. We assumed that the 
change in weight of the foil was due to oxygen which 
made chemical bonds with the metal. At this stage we 
also assumed that the oxide film was uniform and 
consisted of the simple stoichiometric compound 
(CuO and TiO). The change in weight of the foil was 
measured to an accuracy of 1 ~tg. 

X-ray analysis was carried out for the oxidized 
specimen. A thick oxide film was produced as for the 
oxidized copper specimens but no oxide films were 
observed on titanium as far as the X-ray analysis was 
concerned. A certain amount of oxide film appeared to 
occur on the titanium surface from IMA observation, 
but oxygen atoms dissolved in the a-phase more easily 
than they formed an oxide film. For  titanium, we 
could not make a suitably thick oxide film by the 
oxidizing treatment [14]. 

For  the thin oxide film, we estimated the thickness 
from the depth profile of the oxygen intensity, assum- 
ing that the sputtering rate was the same as that of the 
base metal. We could not exactly estimate the thick- 
ness of the oxide film because of broadening of the ion 
(electron) beam and selective sputtering. In measuring 
the depth profile, the intensity of oxygen decreased a 
little at first because of the broadening but increased 
immediately and decreased again. We assumed that 
the position where the intensity decreased to one-third 
of the maximum value was the interface between the 
oxide film and metal. Unfortunately, we could not 
identify the composition of the thin film by IMA and 



AES. We thus regarded the thin trims as CuO and 
TiO, although the oxide film of titanium might be 
TiO a according to Wanatabe and Horikoshi [9]. As a 
result, we got a thickness of 0.3 to 3 nm (about 1 nm) 
for thin copper oxide films and 20 + 5 nm for TiO 
thin films. 

From the X-ray analysis it was found that thick 
copper oxide film consisted of CuO and 6CuO. Cu20. 
However, we determined the thickness by regarding it 
as CuO (the amount of oxygen is the same even if we 
regard it as CuO). We obtained a thickness of 100 to 
300 nm for the thick copper oxide films. We gave a 
certain latitude to the thickness of the oxide film 
because we could not estimate it exactly. 

4.3. Bonding tests 
We first applied pressure to specimens set in the 
holder up to 50 MPa for copper and 100 MPa for 
titanium by uniaxial stress. After that, the applied 
pressure was again reduced to 2 MPa after evacuating 
the air within the vacuum chamber. This first applied 
pressure was to ensure full contact over the faying 
surface. 

According to Kragelsky and Demkin [37], the first 
pressure was not enough to attain full contact, i.e. 
there remained voids on the interface, but we could get 
full contact at the fringe of the faying surface. We 
could prevent the oxide film from escaping to the 
outside through the fringe. 

We performed the bonding tests under a vacuum of 
10 -4 Pa. We heated the specimens by a molybdenum 
heater. The molybdenum heater was able to go up and 
down along the bonding jig [38]. We first applied it to 
the lower side. After that, we heated the specimens up 
to the bonding temperature by raising it to the upper 
side. We required about 60 s to attain the bonding 

temperature. We took the commencement of the 
bonding tests (t = 0) from heating the specimen up to 
the appointed temperature. At the same time, we gave 
a pressure of 5 MPa to the specimens. The temper- 
ature T was measured by a thermocouple in contact 
with the test piece and kept within 4-_ 1 K during 
testing. The specimen was cooled under load quickly 
by lowering the molybdenum heater after turning it off 
[20, 38]. The cooling time to 200 K below the test 
temperature was about 40 s. The specimens joined by 
the bonding tests were bent to fracture and observed 
by SEM and electron probe microanalysis (EPMA) to 
examine the behaviour of the oxide film during 
bonding. 

We could not perform the bonding tests for 
t < 100 s. When describing t = 0 in the following sec- 
tion, we mean that we cooled the specimen immedi- 
ately after attaining the bonding temperature. 

5. Exper imenta l  resul ts  
5.1. Copper 
Fig. 7 shows the experimental results for copper-  
copper bonding compared with the calculated results. 
Fig. 7a is for a thin oxide film of 6o~ = 0.3-3 nm and 
Fig. 7b for a thick oxide film ofSo, = 100-300 rim. The 
oxidizing treatment was given to both surfaces of the 
specimens. It is considered that the oxide film has not 
dissolved in the bulk in the region below the solid 
curves. It follows that a metallic bond must not occur 
in this region denoted by "unbonded". On the other 
hand, in the regions above the curves of 6o~ = 3 nm for 
Fig. 7a and 6o~ = 300 nm for Fig. 7b which are de- 
noted by "no oxide", it is considered that the oxide 
film has completely dissolved in the bulk and a metal- 
lic bond can be formed. This consideration is sup- 
ported by the experimental results indicated by the 
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Figure 7 Verification of the dissolution process of copper oxide by experiments. (a) Thin oxide film with thickness 6o, = 0.3-3.0 nm. No. 1500 
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three kinds of symbol. It  was rather difficult to deter- 
mine the dissolution time of the oxide film exactly by 
the analyses of AES, IMA and EPMA. We therefore 
used three kinds of symbol. When the fractured sur- 
face was dimpled (ductile fracture), we marked it with 
circles. We denoted no bonds by crosses, and used 
triangles when we got a poor  bond (brittle fracture in 
Fig. 7a) or we observed oxide inclusions on the frac- 
tured surface (in Fig. 7b). In fact, the intensity (concen- 
tration) of oxygen at the bonded interface decreased 
considerably when it exhibited ductile fracture. When 
we had no bonds at all, we had a high intensity of 
oxygen adjacent to the laying surfaces in IMA (EPMA 
for the thick oxide film). However, a metallic bond 
tends to occur before the oxide film completely dis- 
solves. That  is, ductile fracture was exhibited very 
often in the region above the curve of ~ox = 1 nm in 

Fig. 7a. Ductile fracture was also observed in the 
region of Sox = 100-300 nm in Fig. 7b, although the 
fractured surfaces had small oxide inclusions. The 
fracture mode appears to depend on the behaviour of 
the oxide film during bonding. Although we need to 
examine the behaviour of the oxide film in detail (cf. 
Fig. 8 below), we can say that the experimental results 
are in agreement with the calculated results of Fig. 7. 

For a thin oxide film, the broadening and selective 
sputtering in the surface analyses did not permit us to 
get very positive evidence. The extent of the thickness 
from Sox = 0.3-3 nm might be due to the broadening. 
We considered that, in fact, the thickness was less 
than 3 nm (so we denoted the calculated results for 
fiox = 3 nm by a dotted line in Fig. 7). The experi- 
mental result denoted by a triangle in Fig. 7a exhibited 
a brittle fracture mode very similar to Fig. 10 in 

Figure 8 SEM observation of the behaviour of copper oxide film on contact area (fractured surface) and hole surface after diffusion bonding; 
T= 1073 K, P = 5 MPa, preheating in dry air at 673 K for 600 s (cf. Fig. 10a). Contact area: (a) 0.5 h, (b) 5 h, (c) 10 h, (d) 30 h. Hole surface: 
(e) 0.5 h, (f) 5 h, (g) ~0 h, (h) 30 h. 
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Higgins and Munir [10]. This gives evidence of 
adhering through an oxide layer. This adhesion was 
poor, compared with the bond exhibiting the ductile 
fracture mode denoted by a circle. 

Fig. 8 shows the results of SEM observation as to 
the behaviour of the thick oxide film during bonding. 
For this experiment, we made a hemispherical hole at 
the centre of the faying surface (cf. Fig. 10 below) 
before the oxidizing treatment. As seen in Fig. 8, the 
oxide layer does not dissolve uniformly. The beha- 
viour of the oxide layer in the hole surface is quite 
different from that in the contacted area. The oxide 
film changes to many oxide particles (see Fig. 9) and 
then the oxide particles become once again large 
before vanishing. It was found from X-ray analysis 
that these particles consisted of CuO and CuzO 
(mainly 6CuO. Cu20). We supposed that the particles 
were due to the vapourization of the oxide layer. We 
then performed the annealing test described in Fig. 10a 
(P = 5 MPa). After testing, the oxide particles were 
observed on the chemically polished surface A as 
shown in Fig. 10b. A part of the oxide film obviously 
vapourizes during bonding. This is the reason why a 
local metallic bond is produced before the oxide film 
completely dissolves in the bulk. It is also considered 

that the vapourization makes it easy for the oxide film 
to dissociate. It follows that oxygen diffusion in the 
bulk controls the dissolution process of the oxide film. 
Grain boundary diffusion is negligible compared with 
lattice diffusion because the grain size was 10-20 nm. 
Oxide vapourization allows the oxygen concentration 
at the bond-interface to be uniform. It is concluded 
that model 1 (one-dimensional diffusion model) is 
valid for a copper oxide film. 

5.2. Titanium 
As stated above, Fig. 6 suggests that the oxide film 
easily dissolves in the region of T > 1158 K (B-tita- 
nium). This has also been suggested by Watanabe and 
Horikoshi [9]. In fact, bond formation easily began to 
occur in the bonding tests for t = 0, regardless of the 
oxidizing treatment. Oxide inclusions were not ob- 
served on either the hole surface or the contacted area 
in the temperature region higher than 1158 K. This 
was similar to the results reported by Ohashi and co- 
workers [11, 14]. Similar results were also obtained at 
T =  1143K in the s-phase. These are shown in 
Fig. 11. The fracture mode is, however, different be- 
tween the emery and buff polish. The surface asperity 

Figure 9 EPMA analysis of copper oxide particle on hole surface: (a) secondary electron image, (b) characteristic X-ray image of oxygen 
(T=1073 K, t=5 h). 

Oxide film 
/ 0 xidized 

In dry air 
ct 473 K 
for 10 rain 

Chemicol 
polished 

[a) 

Figure 10 Experiments to verify the vaporization of copper oxide film during bonding: (a) schematic illustration of the test piece, (b) SEM 
photograph (T= 1173 K, t=l  h). 
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Figure 11 SEM observation of fractured surface after diffusion bonding of titanium: T= 1143 K, P =  5 MPa, t =0. No oxidation: (a) emery 
polish (No. 1500), (b) buff polish. Oxidation in dry air at 773 K for 10 min: (c) emery polish, (d) buff polish. 

appears to have an influence on the fracture mode. 
The influence is greater in the s-phase than in the 
13-phase. The thickness of the oxide layer was constant 
between the emery and buff polish within a factor of 
two*. Moreover, the real bonded area of no oxidation 
is larger than that of the oxidizing treatment. This is 
considered to be due to surface hardening by oxygen 
in solution. 

Bonding tests in the temperature range lower than 
1000 K exhibited more interesting results. The results 
are shown in Fig. 12, together with the calculated 
results of model 1. We used specimens with an oxide 
film of 8ox = 20 + 5 nm as stated in section 4. The 
results are arranged as Arrhenius plots. The time when 
the bond formation begins to occur is plotted. Circular 
symbols express the joint exhibiting a ductile fracture 
mode, triangles a joint with brittle fracture and crosses 
represent the unbounded state. The experimental 
points are on a straight line lying much above the 
calculated results. 

It is obvious from Equation 7 of model 1 that t~ is 
proportional to lID if (C~ - Co) is constant against T. 
From Fig. 4b we know that the oxygen solubility of 
the s-phase is independent of temperature in the range 
T < 1800 K. We then find that t~ is proportional to 
exp(Q/RT), where Q is the activation energy of oxy- 
gen diffusion in s-titanium. We know that the slope of 
the calculated result corresponds to 287 kJ mol -  1 (see 
Table I). In contrast, the apparent activation energy 
for the experimental results is 578 kJmo1-1, much 
larger than that of model 1. This suggests that we 
need to consider another kinetic step as expressed by 
Equation 1 (dissociation process). 
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Figure 12 Experimental results to verify the temperature 
dependence of the dissolution time of titanium oxide film on 
titanium (8ox = 20 nm, P = 5 MPa): (�9 bonded, (~)  poorly bonded, 
( x ) unbonded. 

* We used only water in buff polishing. The intensity of oxygen in IMA and AES was broadened by the surface asperity. The oxide layer on 
the surface treated by No. 1500 emery seemed thicker than that of buff polishing. However, we could not exactly estimate the thickness 
(probably 6ox = 20-30 nm). 
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6. D i s c u s s i o n  
We consider the kinetics of the dissociation of oxide 
film by analogy with solution reaction [18]. As de- 
scribed in Fig. 13, we assume that a region of activated 
state exists between the oxide film and the underlying 
metal. The thickness of the region 8 '  is small enough 
to regard it as the interface between the oxide film and 
the metal. According to Moelwyn-Hughes [18], reac- 
tions for both dissociation and recombination are 
assumed to be proportional to the oxygen content 
within the reactive substance and to the surface area, 
S. We can therefore denote the dissociation and re- 
combination rates by v~Co~ and voC*, respectively, 
where C* is the activated oxygen concentration at the 
interface between the oxide film and the metal, and v~ 
and Vo are constants (frequencies). The dissociation 
rate is expressed by 

dV* 
- - - S  = (V~Cox- VoC*)SS* (21) 

dt 

where d V*/dt is the molar quantity of oxygen having 
crossed unit area from the oxide film to the activated 
region in one second. When C* = C s, dC*/dt is zero 
because the equilibrium state holds true [18], i.e. 

VsCox = vo C~ (22) 

We also obtain the relationship dV*/dt  = 
- ( d C * / d t ) 8 *  by taking account of the dimensions 

and direction. Equations 21 and 22, therefore, lead to 
the rate equation expressed by 

dC* 
- ~ : ( C s -  C*)  (23) 

-d t  

where ~ is constant and equal to vs(Cox/C~). The 
solution of Equation 23 is represented by 

C* = Cs(1 - e -~t) (24) 

Equation 24 teaches us that C* is nearly equal to C~ if 
is large enough, i.e. model 1 is valid in this case. On 

the other hand, if 1< is small, C* is approximately zero 
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Figure 13 Schematic illustration of the series operation model. 

before the oxide film has dissolved completely, i.e. 
Equation 23 is approximated by 

dC* 
- KC, (25) 

dt 

where the thickness of the oxide film is assumed to be 
much less than the depth of the bulk. After integration 
of Equation 25 with respect to t, we obtain the total 
molar amount C ' 8 " ( =  ~cS*Csts) of oxygen dissolving 
in the bulk. The dissolution time in this case is 
given by 

m 
t s - (26) 

CsKS* 

Now let us apply Equation 26 to the experimental 
results in Fig. 12. According to the theory of absolute 
reaction rate [39], K is given by 

( -  & H * )  
~ = ~oexp �9 (27) 

R T  

where % is the frequency factor and AH* is the change 
in enthalpy for activation. From Fig. 12, A/-/* 
= 578 kJmo1-1 and 8"~o = 1.15 x 10 v3 ms -1 if we 

regard the oxide film as TiO; 8 " ~ o = 1 . 5 9  
x 10 v3 m s- 1 for TiO 2. Because we consider that 8* is 
about 10 -s  to 10 -1~ m, we notice that the values o f%  
are around 10 s2 s-1. We know that the magnitude of 
10 s2 is far too large, if we take account of the theory of 
the absolute reaction rate [39]. According to the 
theory, Ko is given by 

k r  
Ko - ~ e x p ~ j  (28) 

where k is the Boltzmann constant, h Planck's con- 
stant, and AS* is the activation entropy [39]. The 
term kT/h is about 2 x 1013 when Tis around 1000 K. 
If Ko is of the order of 1082 s - l ,  AS* is nearly 1.3 
x 103 J K -  1 mol -  1. The true activation entropy must 

be one order of magnitude smaller than this value 
[39]. This contradiction must be due to neglecting the 
diffusion process to the bulk (Equation 2). 

We need to consider the series operation of dis- 
sociation and diffusion. We assume that the number of 
the oxygens dissociated at the interface between the 
oxide film and the metal is equal to that of the oxygen 
dissolved in the bulk: SS*(dC*/dt )= - S ( d V * / d t )  
= -  SD(~C/~x)x=o, where Cx= o = C*). This as- 
sumption leads to the equation 

~C* 
- h , ( C ~  - C * )  (29) 

ax 

where h, = 8*~c/D. Equation 29 is one of the bound- 
ary conditions for the one-dimensional diffusion equa- 
tion dC/dt = ~2C/~x2. 

We have C = Co at x = ~ for t > 0 as another 
boundary condition and we also have C = Co at 
x = 0 - o r  as the initial condition. The solution 
satisfying these conditions has been given by Crank 
[40], i.e. 

C - C o  
- erfc(Z) - exp(h~x + z2)erfc(Z + z) (30) 

C~ - Co 
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where z = hr(Dt) 1/2, Z = hrx/2z and erfc(z) = 1 - err(z). 
After integration of the flux J(0, t) = - D(OC*/Ox) 

with respect to time t, we obtain the total amount  M t 

of diffusing oxygen having crossed unit area of the 
interface expressed by 

Mt - ~ e x p ( z 2 ) e r f c ( z ) -  1 + ~75-z 

(31) 

Because Mt = m when t = ts(C o = 0), we obtain the 
equation 

gz = f ( z ) -  1 (32) 

where # = m/[C~(Dt) 1/2] - 2/re 1/2 a n d f ( z )  = exp(z 2) 
erfc(z). 

Now let us analyse the case where h~ is small enough 
so that z is much less than unity. In this case, we have 
f ( z )  approximate to 

2 4 1 
f ( z )  = 1 - -  --/1;1/2 Z + 22 - -  --233711/2 + ~ z 4 (33) 

by Taylor 's  theorem. If we take it down to the third 
term, we obtain g = z - (2/~ l/z) from Equation 32, i.e. 
z = m / [ c , ( o t ) t / 2 ] .  Since z has been defined as 
(6*K/D)(Dt) 1/z we obtain the same solution as 
Equation 26 for t = t,. 

On the other hand, in the case where hr is large 
enough so that z is much greater than unity, we have 
f ( z )  approximate to 

f ( z )  - rd/2 2z 3 + ~ z  5 (34) 

by using the asymptotic formula [40]. We know from 
Equation 34 t ha t f ( z )  --* 0 when z -* oo. We thus have 
0 = 0 when z --* 0% because Oz = - 1 in Equation 32. 
We then obtain the solution for model 1, i.e. Equa- 
tion 7. 

Now let us examine the experimental results in 
Fig. 12. We can estimate the values of t, from Fig. 12, 
that is, t, = 3600 s at T = 950 K and t, = 26 000 s at 
T = 925 K. Substituting these values into Equation 32 
and assuming 6* = 10 - 9  m, we can obtain the value 
o fz  for each t~ by the iteration method [41, 42] *. The 
solutions for z lead to the values of ~: in Equation 27. 
We obtain AH* and ~:o from two values of ~:. We thus 
obtained AH* = 581.54kJmo1-1 and Ko = 8~547 
x 1029 s -1 for TiO film and also A H * =  583.02 kJ 

m o l -  a and Ko = 1.439 x 1030 S- i for TiO2 film. (The 
value of m for TiO2 is 1.379 times as large as that of 
TiO for the same value of ~5ox. This causes the 
difference in AH* and %.) Although the value of AH* 
is nearly equal to the activation energy which is given 
by Equation 26, the values of % from the model of 
series operation are far less than the frequency factors 
obtained from Equation 26. When % is of the order 
of 1029S - 1 ,  w e  obtain the activation entropy of 
AS* = 300 J K -  1 m o l -  1 from Equation 28 in the 
temperature range around T = 1000 K. It  is said that 
the activation entropy is less than 10 J K -  ~ tool -  t in 
common chemical reactions, but it often becomes 

pretty large for dissociation [39]. A AS* of 
300 J K -  1 m o l -  1 is considered adequate. 

The value of AH* is much greater than that of 
oxygen diffusion. It is then necessary to consider the 
oxidizing reaction of titanium. The standard free 
energy change for Ti + Oz--*TiO 2 is given by 
A G ~  -a and that of Ti 
+ (02/2)  ~ TiO is expressed by - 543 000 - A S ~  

J tool-1,  where AS ~ is the change in the entropy and 
its value is unknown (may be about - 1 0 0  to 
- 200 J K -  ~ m o l -  1) [43, 44]. The standard enthalpy 

change AH ~ is - 910 and - 543 k J m o l - ~  for TiO 2 
and TiO, respectively. When we discuss the value of 
AH*, the absolute values of AH ~ become reference 
standards. 

We need an activation energy greater than AH ~ to 
dissociate the titanium oxide independently. However, 
when dissociation is followed by dissolution in t h e  
titanium bulk, a value of AH* = 910 kJ m o l -  1 may be 
enough to dissociate the oxide film. AH* (about 
580 kJ m o l -  a ) is rather close to the absolute value of 
AH ~ for TiO ( = 543 kJmol -1) .  If the oxide film con- 
sists of TiO, A H * = 5 8 0 k J m o 1 - 1  may be large 
enough with respect to dissociation from TiO to 
Ti + O*. This therefore suggestS that the dissociation 

g 
-g 

900 1000 1100 
Temperature~ T (K) 

Figure 14 ( - - )  Results calculated by the series operation model 
for c~-Ti ( T <  1158 K, oxide film TiO) to show the temperature 
dependence of dissolution time, compared with ( - - - )  results 
calculated by model 1. 

* We consider that ~5" is less than 8ox and greater than the magnitude of the lattice'constant. In the iteration method, the initial value of z was 
obtained by using Equation 26, i.e. z=O(5*/D)(Dts) 1/:, where r~*=&CJm. 
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T A B L E  II Variation o f ~  and hr with T(for TiO) 

T(K) 

800 900 1000 1100 1150 

~: (s -1) 9.1 x 10 -18 1.5 • 10 -13 3.5 x 10 - l ~  2.1 x 10 -7 3.3 x 10 -6 
h, ( m -  1) 5.3 x 101 7.3 x 10 3 3.7 x 10 5 9.4 • 10 6 3.8 x 10 7 

process occurs after the oxide film changes to TiO, 
even if it has a composition such as TiO2 [45]. 

We can solve for the dissolution time t~ by the series 
operation model because we have obtained the values 
of 8"~co and AH*. i.e. ts is given by 

_ [.,hr ]2 
t s 4Dh2 L--C~ ~ + 1 - f ( z )  (35) 

where z = hr(Dts)  1/2. We inevitably need the iteration 
method to obtain the value of t,. 

Fig. 14 shows the temperature dependence of the 
dissolution time for titanium oxide (TiO) calculated by 
the series operation model (solid lines). The calculated 
results for model l are also shown as dotted lines. The 
solid lines approximate to the dotted lines with in- 
creasing temperature. The temperature where they are 
close to each other decreases with increasing 8ox. For 
80, >f 20 nm, the results calculated by the series opera- 
tion model become nearly equal to those of model 1 
before the temperature is greater than 1150 K. How- 
ever, as far as we see from Fig. 14, model 1 is not valid 
at temperatures lower than 1100 K. 

The calculated values of ~ and h r are shown in 
Table It. We find that model l is valid only when h r is 
greater than 10 7. Also we see that hr is greater than 
unity even at T = 800 K. We should not use Equa- 
tion 26 until the temperature is somewhat lower than 
800 K. 

The series operation model explains why it is very 
difficult in the temperature range lower than 900 K to 
complete the diffusion bonding of titanium [4, 5] and 
the sintering of titanium powder [9] if the titanium 
has an oxide film on the faying surface. 

7. Conclusions 
The dissolution process of surface oxide film during 
the diffusion bonding of similar metals (Cu-Cu and 
Ti-Ti) has been examined numerically and experi- 
mentally, for the purpose of comprehending the role of 
the oxide film in the bonding process. With respect to 
a copper oxide film on copper, model 1 (the dissolu- 
tion process controlled by oxygen diffusion) is valid 
because the oxide film is vapourized at the high temper- 
ature. On the other hand, model 1 is not always valid 
for a titanium oxide film on titanium. In the temper- 
aure range lower than 1100 K, a new model involving 
series operation of dissociation and diffusion is neces- 
sary in order to comprehend the dissolution process of 
the surface oxide film during titanium bonding. How- 
ever, the dissolution time for T >  l l00K can be 
estimated by model 1 because the titanium usually has 
a surface oxide film of a few tens of nanometres in air 
[9, 31, 33]. The dissociation process occurs more 
rapidly than the diffusion process in the temperature 

region T >  1158 K (h r = ~/D = 107). Therefore, 
model 2 (dissolution process controlled by reaction 
diffusion) is considered to be valid for [3-titanium 
although it was not verified exactly by the experiments. 

It is widely known that the conventional diffusion 
bonding of metals becomes impossible when the bon- 
ding temperature is lower than the homologous tem- 
perature T/T", = 0.5, where Tm is the melting point 
[4,5] (for titanium, T =  996K corresponds to 
TIT,, = 0.5). This is considered to be caused by decel- 
eration of the dissociation rate of the oxide film with 
decreasing temperature. This can be quantitatively 
indicated by the series operation model proposed in 
the present study, We can at least say that the series 
operation model is able to estimate the impossible 
region for conventional diffusion bonding of titanium. 
Finally, for metals and alloys with a stable surface 
oxide film such as aluminium, zirconium and hafnium, 
we consider that the series operation model is neces- 
sary to estimate the dissolution time. 
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